The effect of Si doping on the strain and microstructure in GaN films grown on sapphire by metalorganic chemical vapor deposition was investigated. Strain was measured quantitatively by x-ray diffraction, Raman spectroscopy, and wafer curvature techniques. It was found that for a Si concentration of 2ϫ10 19 cm Ϫ3 , the threshold for crack formation during film growth was 2.0 m. Transmission electron microscopy and micro-Raman observations showed that cracking proceeds without plastic deformation ͑i.e., dislocation motion͒, and occurs catastrophically along the low energy ͕11 គ00͖ cleavage plane of GaN. First-principles calculations were used to show that the substitution of Si for Ga in the lattice causes only negligible changes in the lattice constant. The cracking is attributed to tensile stress in the film present at the growth temperature. The increase in tensile stress caused by Si doping is discussed in terms of a crystallite coalescence model.
I. INTRODUCTION
Growth of III-V nitrides for device applications is primarily done on sapphire substrates using metalorganic chemical vapor deposition ͑MOCVD͒. 1 Since the thermal expansion coefficient of sapphire is larger than that of GaN, a compressive stress estimated at greater than 1 GPa would be expected to develop in a film that was grown stress free at the growth temperature ͑typically 1000°C͒. 2 Typically, smaller, but still compressive stresses are observed. [2] [3] [4] [5] [6] An interesting effect has been observed with Si doping. Highly Si doped GaN is desired to form low resistance n-type conductive layers in nitride-based light emitting diodes, lasers, and optoelectronic devices. However, the maximum amount of Si doping appears to be limited by cracks that develop in films with high Si concentration. 7, 8 Ex situ Raman and x-ray diffraction ͑XRD͒ studies performed on Si doped GaN films have shown that the compressive strain observed at room temperature in MOCVD-grown films decreases with increasing Si concentration. 6 It has also been suggested that the reduction of compressive stress observed at room temperature in moderately Si doped samples (ϳ3ϫ10 18 cm Ϫ3 ) is due to the formation of dislocations in the basal plane. 5 Recently, in situ wafer curvature measurements have shown that undoped GaN films are in tension at the growth temperature. 9 We perform here a detailed study of the effect of Si doping on the strain and microstructure of MOCVD-grown GaN films. First-principles calculations were used to determine the change in lattice constant expected for Si substituting for Ga in GaN. Film strain was measured with three complementary techniques: XRD, wafer curvature, and micro-Raman spectroscopy with 1 m lateral resolution. The microstructure was evaluated with transmission electron microscopy ͑TEM͒, scanning electron microscopy ͑SEM͒, and atomic force microscopy ͑AFM͒. Strain gradients in the vicinity of cracks were measured with micro-Raman spectroscopy. The experimental observations are discussed in terms of a crystallite or domain coalescence model developed for the growth of polycrystalline films. 10 
II. EXPERIMENT

A. Samples
GaN films were grown in conventional MOCVD reactors on ͑0001͒ sapphire substrates similar to studies described elsewhere using trimethylgallium, ammonia, and hydrogen as a carrier gas. 11 Silane was introduced into the gas stream to achieve Si doping in the range from 3ϫ10 16 to 5 ϫ10 19 cm Ϫ3 . The standard deposition procedure for Sidoped films ͑A films͒ was sequential growth of: ͑1͒ a low temperature ͑LT͒ nucleation layer, ͑2͒ a 100 nm high temperature ͑HT͒ undoped layer, and ͑3͒ 1-2.5 m HT Si-doped layer. Some samples ͑B films͒ were made without the undoped HT layer ͑i.e., silane was introduced immediately after growth of the LT nucleation layer͒. The total film thickness h was varied between 1 and 3.0 m.
Hall-effect and secondary ion mass spectrometry measurements were used to determine the electron and Si concentrations ͓Si͔. In all the samples the quantitative agreement between ͓Si͔ and the carrier concentration indicated that all the Si was electrically active and it was therefore inferred to reside on the Ga site. The surface roughness and microstructure of the films were measured by a combination of AFM, SEM, and TEM. Samples for TEM were prepared in the standard way by mechanically thinning and ion milling to electron transparency.
B. Strain determination from x-ray diffraction
The a and c lattice constants were measured by XRD using the (101 គ5) and ͑0002͒ reflections, respectively. The strain values can then be obtained from the equations
To calculate these strains, the lattice constants a 0 and c 0 of the relaxed, unstrained bulk material must be known. Among the reported values, it is our opinion that the ones that most closely approximate the ''true'' lattice constant of pure GaN are the values measured for undoped homoepitaxial layers grown on top of bulk single crystals with values of a 0 ϭ3.1878 Å and c 0 ϭ5.1850 Å. 12 These values are extremely close to the values of a and c measured for bulk single crystal GaN grown under high pressure in the presence of Mg (a 0 ϭ3.1876 Å and c 0 ϭ5.1846 Å͒.
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C. Strain determination from Raman measurements
In-plane strain (⌬a/aϭ⑀ a ) was measured with a lateral spatial resolution of 1 m with micro-Raman spectroscopy using shifts of the E 2 phonon. The E 2 phonon line in GaN is sensitive to strain in the layer, and its frequency can be accurately measured using Raman spectroscopy. In Ref. 14, the following relationship was derived between the measured shift of the phonon line ⌬E 2 and the stress in the layer:
The stress a is related to the strain ⑀ a through the expression
where M is the biaxial modulus of GaN, which is defined as M f ϭc 11 ϩc 12 Ϫ2c 13 2 /c 33 . ͑5͒
Elastic constants for GaN were taken from Ref. 15 , yielding a value for M ϭ478 GPa. As discussed in Ref. 14, the Raman measurements produce an accurate assessment of the slope of the stress versus phonon shift curve, but the absolute magnitude of stresses and strains depend on the choice of a reference lattice constant. The standard used in the Raman shift measurements ͑a bulk single crystal͒ has lattice constants slightly larger than the homoepitaxial films which we choose as our reference, as discussed above. The relationship between the measured Raman shift and strain is then ⑀ a ϭ0.000 62Ϫ0.000 86⌬E 2 . ͑6͒
D. Strain determination from curvature measurements
Wafer curvature measurements of the films were performed in a Tencor laser system using a sapphire substrate as a reference. The curvature is equal to the inverse of the radius of curvature. The stress in the film, a , is related to the curvature by Stoney's Equation 16 ͑see thus allows us to determine the stress in the film, and the strain can subsequently be derived using Eq. ͑4͒.
III. RESULTS
A. Strain
The a and c lattice constants were measured for all the films by XRD. The results for the 2 m films are shown in Fig. 1 for samples A ͑undoped prelayer͒ and B ͑no undoped prelayer͒. The a lattice constants are found to be smaller ͑and c lattice constants larger͒ than the value found for bulk single crystals for films with ͓Si͔Ͻ10 18 cm Ϫ3 , whereas the a lattice constant is greater ͑and c lattice constants smaller͒ than the bulk values for SiϾ10 18 cm Ϫ3 . The values for the single crystal lattice parameters a sc and c sc are noted in Fig. 1 from Ref. 12 . Figure 2͑a͒ is a combined plot of the in-plane strain ⑀ a measured by XRD, Raman, and curvature techniques as a function of Si doping for 2 m thick, A and B films. The strains were calculated as discussed in Sec. II. The figure shows that our three different techniques for measuring the strain produce consistent results. Some exceptions are noted for films at the highest ͓Si͔, where cracks were present and found to cause local strain variations. XRD and wafer curvature measure strain over a macroscopic area, whereas the Raman microprobe is able to measure local strain variations. Strain variations around cracks will be discussed in Sec. III C. Figure 2͑a͒ shows that the in-plane strain increases with ͓Si͔ and the values of the strain for A and B films are comparable in magnitude. At low ͓Si͔ the films are in compression, which is expected to occur on cooling, due to the difference in thermal expansion coefficients between GaN and sapphire. However, as the Si concentration increases, the films are found to be in in-plane tension. The transition from compressive to tensile strain occurs at a ͓Si͔ between 10 18 -10 19 cm Ϫ3 . Figure 2͑b͒ shows a comparison of the strain for the 1 and 2 m thick films in which only the Raman measurements are shown for simplicity. The 1 m thick films clearly exhibit a lower strain than the 2 m thick films for doping concentrations exceeding 10 18 cm Ϫ3 .
B. Extended defect structure observed by TEM
The defect structure was investigated by TEM for A and B samples with different ͓Si͔. It was found that the density and the type of dislocations in the films were dependent on the doping level and presence of the undoped prelayer. The TEM images shown in Fig. 3 are for films grown at a doping concentration and thickness for which cracking was not observed. Figures 3͑a͒ and 3͑b͒ were obtained using a diffraction vector g-5g ͑gϭ0002͒ weak beam condition, at a tilt approximately ten degrees from the ͕112 គ0͖ towards the ͕101 គ0͖ zone. Figure 3͑a͒ is for a 1 m thick film with ͓Si͔ϭ2ϫ10
19 cm Ϫ3 grown on a 100 nm undoped prelayer. The image shows a broad band of contrast near the interface between the undoped prelayer and the doped overlayer. This contrast is due to the interference of overlapping regions with different c and a lattice constants across the doped/ undoped interface as measured by XRD. 18 The broad fringe contrast was not observed for a 1 m thick film with ͓Si͔ϭ5ϫ10
18 cm Ϫ3 as shown in Fig. 3͑b͒ , where there was no significant lattice constant change between the undoped and doped layer. The threading dislocations in both of the images either have mixed or screw character with a component of the burgers vector b along the ͗0001͘ direction.
Dislocations with burgers vector b parallel to the ͗112 គ0͘ direction are imaged in Fig. 3͑c͒ (gϭ101 គ0) for the same region of film shown in Fig. 3͑a͒ . The combination of both images in Fig. 3͑a͒ and 3͑c͒ show that the threading dislocations are unperturbed at the boundary between the undoped and doped layers and no additional dislocations are created. In addition, no dislocations along the basal plane were observed. This observation is consistent with the difficulty of generating misfit dislocations ͑on the basal plane͒ at lattice mismatched interfaces found previously for thick InGaN layers on GaN 19 and thin films with high In content in quantum well structures. 20 By comparison a 3.0 m thick film grown without an undoped prelayer for ͓Si͔ϭ5ϫ10 18 cm Ϫ3 is shown in Fig. 3͑d͒ using diffraction conditions gϭ101 គ0. It can be observed that predominately basal plane dislocations are found within a 1 m thick region above the LT buffer layer. The presence of dislocations on the basal planes increases the probability of defect interactions with threading dislocations. This may explain the decrease in dislocation density at the film surface with increasing ͓Si͔ observed by other groups. 5 However, for the films in our study no such trend was observed for films grown with an undoped prelayer since basal plane dislocations were typically not present. As discussed above, the dislocations that were generated in the undoped prelayer extended unperturbed to the surface resulting in a defect density at the surface of ϳ10 10 /cm 2 for ͓Si͔ up to 2ϫ10 19 cm Ϫ3 .
C. Cracking
Cracking was observed for both A and B films with a doping level of 2ϫ10 19 cm Ϫ3 for hу2 m. The cracks were found to either extend partially (hϭ2 m) or completely from the film/substrate interface to the surface (h ϭ2.5 m). The SEM micrographs in Fig. 4 for an A film that was 2 m thick, shows that the crack occurs on the prismatic ͕11 គ00͖ cleavage planes 21 of the GaN ͑i.e., parallel to the growth direction͒ and extends into the substrate. Figures 5͑a͒-5͑c͒ are TEM micrographs of a subsurface crack in the same film. Dislocation images taken in the same region along gϭ101 គ0 ͓Fig. 5͑a͔͒ and gϭ0002 ͓Fig. 5͑b͔͒ near the ͗112 គ0͘ zone, show that no additional dislocations are generated near the crack. This suggests that plastic deformation does not take place to promote crack formation. The widest part of the crack is revealed using the imaging conditions in Fig. 5͑b͒ to be ⌬Lϳ50 nm and the average crack spacing L is shown in Fig. 5͑c͒ to be ϳ10 m. As shown in the AFM image and corresponding line scan in Fig. 6 , the surface of the film that grows over the cracks is higher than the region between the cracks. The lighter contrast lines are the position of the cracks below the film surface indicating the crack pattern and a crack spacing of ϳ10 m for parallel cracks, consistent with the TEM results. For the position measured in Fig. 6 , the surface of the overgrown film was ϳ16 nm higher above the crack compared to the region between the cracks. Typical values for the root mean square roughness between the cracks was found to be ϳ3 nm whereas the surface height over the cracks typically ranged between 10-20 nm. The subsurface cracking suggests that the films cracked during growth at high temperature, which is consistent with our measurements showing tensile strain in these films.
Micro-Raman measurements of strains around a crack in a 2.5 m thick ͑A film͒ with ͓Si͔ϭ2ϫ10
19 cm Ϫ3 are shown in Fig. 7 . The inset in Fig. 7 is a SEM showing that the crack extends from the film substrate to the film surface. At distances far away from the crack ͑Ͼ75 m͒, the in-plane strain is ϩ0.015 ͑tensile͒. The strain decreases near the crack, and parts of the film are in a small amount of compression ͑Ϫ0.005͒ at the crack location. We attribute the compressive strain at the crack to thermal stresses occurring on film cool down ͑we assume the cracking occurred at the growth temperature͒. Several groups [22] [23] [24] have studied the elastic stress field around surface cracks in thin films. We apply here the model in Ref. 23 , assuming that by symmetry, a surface crack in a stressed film is equivalent to a semi-infinite
FIG. 3. TEM images for 1 m thick, A films with ͓Si͔ϭ2ϫ10
19 cm Ϫ3 in ͑a͒ and ͑c͒; and ͓Si͔ϭ5ϫ10 18 cm Ϫ3 in ͑b͒. The images in ͑a͒ and ͑b͒ were using a diffraction vector g-5g (gϭ0002) weak beam conditions. A 3.0 m thick B film with ͓Si͔ϭ5ϫ10 18 cm Ϫ3 is shown in ͑d͒. The images in ͑c͒ and ͑d͒ are dark field images with gϭ101 គ0.
edge. 22 The adjustable parameters used in the model include the elastic constants and thickness of the film and substrate, and the value of the film stress away from the crack. The elastic constants used for GaN were taken from measurements by Polian et al. 25 and the sapphire elastic constants were from Tefft. 17 A film thickness of two microns was obtained from the SEM measurement and the in-plane strain away from the crack was taken from our micro-Raman measurement to be ϩ0.0015 ͑equivalent to a tensile biaxial stress of 560 MPa͒. As shown in Fig. 7 , there is good agreement of the elastic cracking model ͑solid line͒ and the values of strain measured by micro-Raman. Therefore, we conclude that cracking of the film leads to elastic relaxation in the vicinity of the crack which is consistent with the lack of dislocations observed near the cracks ͑Fig. 5͒. This is in contrast with the well-studied case of stress gradients in SiO 2 /Si devices, where film stresses have been observed to lead to both dislocation generation and cracking. 26 
IV. FIRST-PRINCIPLES CALCULATIONS
The observed dependence of strain on Si concentration could, in principle, be due to a change in lattice constant induced by Si incorporation. Incorporation of dopant impurities has two distinct effects on the lattice constant. 27 The first effect is purely a size effect, and is related to the difference in atomic radius between the impurity and the host atom that is replaced by the Si. The second effect is an electronic effect, related to deformation potentials. In the case of n-type doping, the donors contribute electrons to the conduction band. The energy of the system can therefore be lowered if the conduction band energy can be decreased ͑on an absolute energy scale͒. Such a shift in the position of the conduction band can occur if the volume of the material is changed; hydrostatic strain indeed leads to a change in the conduction band energy, with a proportionality factor given by the deformation potential. Such strain also bears a cost, of course, because of the elastic energy associated with the deformation. This elastic energy, however, varies as the square of the strain, whereas the energy gain due to the deformation varies linearly with the strain; the system can therefore lower its energy by undergoing a deformation.
The size effect can be addressed by studying the relaxation of host atoms around the impurity. Even though we are dealing with wurtzite semiconductors, we treat the material as isotropic. Our results indeed indicate that the anisotropy of the atomic relaxations is very small compared to the magnitude of the overall relaxations. It is customary to define a parameter ␤ size which relates the fractional change in the lattice constant to the impurity concentration ⌬a/aϭ␤ size ͓Si]. ͑8͒
The calculations were performed using density-functional theory in the local-density approximation, ab initio pseudopotentials, and a supercell geometry. This is the same computational approach that we have successfully applied to the study of the atomic and electronic structure of a wide variety of defects and impurities in nitride semiconductors. 28, 29 The calculations show that the nitrogen atoms surrounding the Si donor relax inwards by about 0.10 Å around the Si Ga ͑in the positive charge state͒. In order to determine the change in lattice constant, we follow a procedure described in Ref. 27 . The idea is to use Vegard's law ͑i.e., a linear interpolation͒ to estimate the contribution of atom-size differences to the observed lattice parameter. The end-point structures for the interpolation are pure GaN ͑0% Si͒ and a hypothetical zincblend SiN compound. Following this approach, we obtain a value ␤ size ϭϪ1.6ϫ10 Ϫ24 cm 3 . The negative sign of ␤ size indicates that the incorporation of Si atoms to the lattice results in a decrease of the lattice constant.
The deformation-potential effect can be derived by performing a minimization of the sum of the elastic energy cost ͑quadratic in the strain͒ and the energy gained due to lowering of the conduction band, occupied with a certain number of electrons ͑linear in the strain͒. Similar to the parameter ␤ size defined in Eq. ͑8͒, one can define a parameter ␤ e , where the subscript indicates the deformation-potential effect for electrons ⌬a/aϭ␤ e n ͑9͒
and n is the electron concentration. Note that the carrier concentration n is not necessarily equal to the donor concentration, because of compensation or incomplete ionization. However, as discussed in Sec. II A, the samples studied in the present work show complete electrical activation of the Si donors and since most of the donors are ionized at room temperature, we can assume nϭ͓Si͔. The shift of the conduction band minimum is described by the ''absolute'' deformation potential a c , as defined in Ref. 27 . ␤ e can be calculated as
where B is the bulk modulus of GaN. The absolute deformation potential a c was calculated in Ref. 30 (a c ϭϪ6.0 eV).
We thus obtain ␤ e ϭ1.5ϫ10 Ϫ24 cm 3 , the positive sign indicating that placing electrons in the conduction band results in an expansion of the lattice.
We conclude that for Si the size effect and deformationpotential effects have similar magnitudes but are of opposite sign, resulting in a very small net strain effect for Si Ga Ϫ3 -2.5ϫ10 Ϫ3 , as reported above͒. Therefore, we conclude that the changes in lattice constant as a function of ͓Si͔ cannot be attributed to lattice distortions caused by the substitution.
V. DISCUSSION
A. Effect of silicon on the lattice constant
In Sec. IV we argued, based on first-principles calculations, that incorporation of silicon does not affect the lattice constant of the GaN overlayer. This result can actually be confirmed purely based on the measured lattice constants by invoking the theory of elasticity.
From the theory of elasticity we know that the strains are related by the expression:
where Dϭ2c 13 /c 33 . Theoretical 15 and experimental 25 determinations of the elastic constants have produced a consistent and reliable value for D, namely Dϭ0.51. This corresponds to a value of Poisson's ratio ϭ0.20, which is also well accepted. 31 Here we systematically use the elastic constants derived by Wright, 15 which are very close to the experimental values of Polian et al. 25 Combining Eqs. ͑1͒, ͑2͒, and ͑13͒, we can use a given pair of measured a and c values for a strained layer to derive the unstrained lattice constants of that layer, by assuming the above value of D, and a particular value for the c/a ratio; for the latter, we have chosen 1.6265. For all of the layers examined in the present study, the a 0 lattice constant extracted from this analysis is within 0.0010 Å of the value a 0 ϭ3.1878 Å quoted above for pure GaN ͑with a systematic deviation towards larger values͒. This deviation is very small, when compared to lattice-constant variations reported in the literature ͑see, e.g., Ref. 32͒. This result confirms our conclusion that the effect of silicon incorporation on the lattice constant of our layers is very small. Figure 8 shows c versus a for all the 1 and 2 m films in our study. The solid line corresponds to the prediction from the theory of elasticity, for a biaxially strained film with given bulk lattice constants ͑a 0 ϭ3.1878 Å and c 0 ϭ5.1850 Å͒. The deviation from the solid line is smaller than the measured variation in a and c ͑see Fig. 1͒ . This indicates that the measured values are due to variations in the strain induced on the film rather than a change in the bulk lattice constants.
B. Dependence of strain on silicon concentration
The increase in tensile strain with Si doping is puzzling. We have shown above that incorporating Si in the GaN lattice ͑substituting on a Ga site͒ has a negligible effect on the lattice constant of the GaN lattice. Silicon must therefore play a different role in introducing strain in the material. Recently Hearne et al. 9 reported in situ wafer curvature measurements that show that tensile strains occur in GaN films at the growth temperature. The films in their study were nominally undoped, and exhibited tensile stresses up to 0.6 GPa at the growth temperature. At room temperature the films in the study by Hearne et al. were found to be in compression, which is consistent with our results for films with ͓Si͔Ͻ10 18 cm Ϫ3 . Thermal cycling between 1000 and 450°C showed that plastic relaxation of the growth stress does not occur during the cool down. 9 This is consistent with our results on films that were cracked without creating additional dislocations.
Except for cracking, there was no obvious effect of Si on the microstructure for films grown with the undoped prelayer. Furthermore, the cracks generated during the growth occurred without the creation of dislocations. One possible explanation of the film stress present during growth may be as a consequence of film coalescence. The intrinsic stresses that develop during the growth of polycrystalline films have been investigated for many years. 33, 34 Tensile stress is often found in these films and attributed to attractive forces between the grains. Nix and Clemens 10 have recently developed a quantitative model for this process. In this model, tensile film stress increases monotonically with decreasing crystallite size.
In our study, the GaN films are single crystal. However, the surface structure, as measured by AFM, was found to depend on the Si concentration. We measured the surface roughness of two Si doped films with a thickness of 20 nm grown on undoped prelayers by AFM. Increasing ͓Si͔ from 5ϫ10 17 to 5ϫ10 19 cm Ϫ3 leads to a doubling of the root mean square surface roughness ͑from 5.5 to 11.0 nm͒. These films showed no evidence of cracks. It is possible that gaps on the surface, due to the roughness, coalesce in a similar way as the crystallites described in the model by Nix and Clemens ͑NC͒. Limited surface diffusion of atoms on the growing surface would cause adatoms to attach to the strained crystal at their point of arrival, and the film would grow in a strained state. If we associate the observed film roughness with an effective crystallite size, then as the roughness increased the effective crystallite would decrease. According to the NC model, this would predict a higher tensile stress with increasing roughness ͑high ͓Si͔͒. The cause for the increased surface roughness with increasing ͓Si͔ is not understood. The presence of Si may limit the surface diffusion of the Ga and N atoms on the growing surface. The presence of Si on the surfaces of AlGaN 35 and InGaN 36 has been shown to lead to GaN quantum dot formation 35 and spiral growth. 36 The competition for N atoms to form SiN may also play a role in the limited surface diffusion of the Ga and N atoms. It has been found that the growth rate of SiN grown by MOCVD was found to be three times higher when increasing the temperature from 800 to 1080°C. 37, 38 
VI. CONCLUSIONS
Crack formation in GaN films doped with Si was studied by measuring the strain and comparing to the microstructure. The strain was found to increase with film thickness and Si concentration. Crack formation along the ͕11 គ00͖ cleavage planes was found to be the major strain relief mechanism and occurred without creating additional dislocations. This suggests that plastic deformation is difficult in these materials at the temperatures used during growth. First-principles calculations showed that silicon incorporation does not affect the lattice constant of the GaN crystal. It was proposed that the increase in tensile stress with increasing ͓Si͔ is related to the presence of tensile stress due to crystallite coalescence, in accordance with a model established recently by Nix and Clemens. 10 
